Ti-Mn alloys fabricated by metal injection molding (MIM) show promising performance for biomedical applications, but their low ductility (caused by high O content and the presence of pores and carbides) requires improvement. Previously, the addition of Mo to cold crucible levitation melted (CCLM) Ti-Mn alloys ef ciently improved the ductility of those alloys by promoting mechanical twinning. In the present study, Mo was added to Ti-Mn alloys fabricated by MIM. Unlike fabrication by CCLM, fabrication by MIM can produce alloys with a smaller grain size, and also introduce microstructures such as pores and Ti carbides. Thus, in order to investigate how Mo addition interacts with these typical MIM features, four alloys for biomedical applications were fabricated by MIM: Ti-5Mn-3Mo (TMM-53), Ti-5Mn-4Mo (TMM-54), Ti6Mn-3Mo (TMM-63), and Ti-6Mn-4Mo (TMM-64). Their microstructures, mechanical properties, and tensile deformation mechanisms were evaluated. Their hardness values range from 312-359 HV, and their Young s modulus values range from 84-88 GPa; both the Vickers hardness and Young s modulus show little variation among the alloys. Although the alloys show fracture features associated with a predominantly ductile fracture mode and Mo addition successfully promotes mechanical twinning in TMM-54, the elongation of these alloys is still critically low. Compared to the TMM alloys fabricated by CCLM, the TMM alloys fabricated by MIM show slightly lower hardness and Young s modulus, and comparable tensile strength, with their low elongation remaining inadequate for such applications. In particular, TMM-63 shows the best combination of mechanical properties among the present alloys, with an elongation of 4% and an ultimate tensile strength of 1145 MPa.
Introduction
Ti and its alloys have a more suitable biocompatibility and combination of mechanical properties than other metallic materials used as implant biomaterials, such as SUS316L steel and Co-Cr-Mo alloys 1) . Although high speci c strength (strength-to-density ratio), high corrosion resistance, and high biocompatibility make Ti and its alloys attractive materials for biomedical applications 2, 3) , some Ti alloys can release metallic ions that are harmful to the human body. Among the most used Ti-based biomaterials are commercially-pure Ti (CP-Ti) and Ti-6Al-4V (Ti-64) ELI 1) . However, these materials have signi cant issues speci c to their application as structural biomaterials. CP-Ti has relatively low mechanical strength compared to other metallic biomaterials such as Co-Cr-Mo alloys 4) . On the other hand, Ti-64 ELI, which is used because of its good mechanical properties, releases V and Al ions in biological media 5) which are toxic [6] [7] [8] . Another problem observed in metallic biomaterials used in hard tissue xation or replacement is the mismatch between the Young s modulus of the metallic implant and that of the cortical human bone. The Young s modulus of Ti-64 ELI, although lower than those of steels and Co-Cr-Mo alloys 1) , is 110 GPa; that of cortical human bone is only 10-30 GPa 9) . Such a mismatch can cause stress shielding effects 10) , which prevent loads that are essential for the health of the bone tissue, leading to bone resorption and a decrease in the quality of the bone around the implant 3, 11) . In recent years, increased efforts have been directed at producing more biocompatible Ti alloys 2) . These alloys are mainly β-type alloys composed of non-toxic elements, with a Young s modulus of 50-90 GPa 4, [12] [13] [14] . The β-phase in Ti exhibits a lower Young s modulus than the other phases, while having a highest speci c strength 15) . One recently developed alloy, Ti-29Nb-13Ta-4.6Zr (TNTZ), shows excellent mechanical properties and biocompatibility for biomedical applications 2, 9, 16) . Unfortunately, both Nb and Ta are elements regarded as critical materials, meaning that these alloying elements have important applications in various industrial elds and as such have scarcity issues because of their limited amount of natural deposits around the globe 17, 18) . In previous studies, Mn was chosen as an alloying element because of its β-stabilizing effect, lower cytotoxicity, and higher availability compared to other alloying elements [19] [20] [21] . Low-cost Ti-Mn alloys were fabricated using a metal injection molding (MIM) process 21) , a near-net shape advanced powder metallurgy (P/M) fabrication method which reduces the amount of waste material to by as much as 1/5 compared to conventional melting-machining methods 22) , reducing fabrication costs. Ti-9Mn (mass%) showed the best balance of mechanical properties among both the alloys fabricated by cold crucible levitation melting (CCLM) 19) and those fabricated by MIM 21) . Nevertheless, the ductility of the alloys warrants improvement 19, 21) . In another recent study, Mo was added as an alloying element to Ti-Mn alloys fabricated by CCLM in order to improve their ductility and the balance of their mechanical properties 23) . Ti-Mn-Mo (TMM) alloys show improved balance in their mechanical properties, and some alloys which show signi cant {332}<113> mechanical twinning showed signicant improvement in their ductility by twinning-induced plasticity (TWIP) 23) . Some other merits of Mo addition to Ti-Mn systems, including improved corrosion properties, were also discussed 23) . Compared to Ti-Mn alloys fabricated by CCLM 19) , fabrication by MIM introduces pores, carbides, and high interstitial impurity contents, which cause a drastic reduction in the tensile ductility of the Ti-Mn alloys 21) . Conversely, Mo addition improves the tensile ductility of alloys fabricated by CCLM by promoting TWIP under tensile deformation. Therefore, investigations must be conducted to clarify whether the ductility of the alloys fabricated by MIM can also be improved by TWIP through Mo addition. In this study, Mo was included as an alloying element in Ti-Mn alloys fabricated by MIM in order to evaluate its effects. Chemical compositions similar to those of alloys fabricated by CCLM were used in this study, i.e., Ti-(5-6)Mn-(3-4)Mo (mass%). The microstructure, Vickers hardness, Young s modulus, and tensile properties of the alloys were investigated along with their deformation mechanisms.
Experimental Procedures

Material preparation
Sintered specimens of Ti-(5-6)Mn-(3-4)Mo were fabricated by MIM. Hereafter, the Ti-Mn-Mo alloys will be labeled as TMM followed by their nominal alloying contents, e.g., Ti-5Mn-3Mo is TMM-53 and Ti-6Mn-4Mo is TMM-64. The alloys were prepared using gas-atomized Ti and ne Mn powders with particles sizes < 45 µm, and ne Mo powder with particles sizes < 2 µm. Figure 1 shows typical scanning electron microscopy (SEM) images of the Ti, Mn, and Mo powders, having O impurity levels of 0.16, 0.77, and 0.38 mass% respectively. Additionally, due to the possibility of Mn evaporation during sintering process 21) , additional small quantities of Mn were added to the raw mixed powders. The powders were mixed with an organic binder and injection molded into rectangular specimens measuring approximately 80 mm long, 10 mm wide, and 4 mm thick. The binder was partially removed with n-hexane and then thermal debinding was performed; this injection molding process has been described previously 24) . The sintering was conducted in a vacuum furnace at 1373 K for 28.8 ks. The alloys were then subjected to solution treatment in a vacuum at 1173 K for 3.6 ks followed by ice water quenching. The solutionized alloys were subsequently cut into smaller specimens for microstructural observation, analysis and mechanical characterization.
Microstructural characterization
The metallic compositions of the TMM alloys were analyzed by inductively coupled plasma optical emission spectroscopy (ICP-OES). Infrared (IR) absorption was used to determine the O and C compositions. The microstructures of the TMM alloys were investigated using an optical microscope (OM). OM specimens were mechanically polished using waterproof SiC papers up to #2400 grit and mirror-polished using a colloidal silica suspension, then etched using a (1% HF + 0.5% HNO 3 ) solution. The average grain diameters, D gr , were estimated from optical micrographs using an image analysis software.
The constituent phases of the TMM alloys were investigated by X-ray diffraction (XRD) and transmission electron microscopy (TEM). XRD specimens were mechanically polished using waterproof SiC papers up to #2400 grit, and then mirror-polished using a colloidal silica suspension. XRD analyses were performed using a Cu target, an acceleration voltage of 40 kV, and a current of 40 mA. TEM observations were conducted on thin circular foils 3 mm in diameter. These thin foils were mechanically polished to a thickness of approximately 30 μm using a #2400 grit waterproof SiC paper and then dimpled to a thickness of approximately 10 μm using a phosphor bronze ring, followed by ion milling the lms. TEM observations were carried out with an acceleration voltage of 200 kV. 
Mechanical tests
The Vickers hardness, Hv, values of the TMM alloys were measured using a micro-Vickers hardness testing machine with a load of 9.807 N and dwell time of 15 s. The specimens used for the hardness measurements were mechanically polished using waterproof SiC papers with grits of up to #2400, and mirror-polished using a colloidal silica suspension.
The Young s modulus, E, measurements were carried out using a free resonance method. The specimens used for the Young s modulus measurements were 60.0 mm long, 7.5 mm wide, and 1.8 mm thick, and were mechanically polished using waterproof SiC papers with grits of up to #1500.
The tensile properties were measured using an Instron-type testing machine with a cross-head speed of 8.33 × 10 −6 m/s. The tensile test specimens were cut using an electrical discharge machining system. The specimens were cut to a gauge length of 10.8 mm, gauge width of 3.5 mm, thickness of 1.8 mm, and llet radius of 8.0 mm. The specimens were mechanically polished using waterproof SiC papers with grits of up to #1500. Strain gauges were used to determine the 0.2% proof stress. The fracture surfaces of the tensile-tested specimens were observed by SEM. Following the tensile tests, the surfaces of the specimens were examined by electron backscatter diffraction (EBSD) and TEM in order to analyze the deformation products. At least three samples of each alloy were used for each of the above-mentioned tests. 25) . Part of the excess Mn did not evaporate during the sintering process, causing the Mn content to be higher than the nominal. The O contents change according to the Mn or Mo contents, but this variation is negligible (0.22-0.24 mass%). The C contents of the alloys are approximately 0.08 mass% for all alloys. Figure 2 shows optical micrographs of the TMM alloys. The average grain diameters, were estimated from the optical micrographs using image analysis software. There is no signi cant difference in the D gr of the TMM alloys, which is approximately 37.0 ± 2.5 μm. Small closed pores, large interconnected pores, and precipitates are present in each alloy. Both the pores (ellipses) and precipitates (arrows) are mostly located at the grain boundaries. Figure 3 shows the volume fractions and average diameters of the pores, V po and D po , respectively, and precipitates, V pr and D pr , respectively, in the TMM alloys, as estimated from the optical micrographs using an image analysis software. cantly vary among the alloys. The V pr varies between approximately 0.45% (TMM-63) and 0.62% (TMM-64), while the D pr varies between 5.9 µm (for TMM-63) and 8.3 µm (for TMM-53). Figure 4 shows the XRD pro les of the TMM alloys. Only the diffraction peaks of the β(110), β(200), β(211), and β(220) planes are visible in the XRD pro les, indicating that the matrix of the alloys is composed of equiaxed β-grains. Figure 5 shows the selected area electron diffraction (SAED) patterns and dark eld (DF) images of the diffraction spots or streaks of the ω phase of the TMM alloys. Diffraction spots produced by the athermal ω phase can be observed in the SAED patterns of TMM-53 and TMM-54. The ω diffraction spots become more diffuse with higher Mn contents. Only diffuse streaks associated with the athermal ω phase can be observed in the SAED patterns of TMM-63 and TMM-64. The DF images of the ω spots (Fig. 5(e) and (f)) evidence a higher volume fraction of the athermal ω phase in both TMM-53 and TMM-54 than in TMM-63 and TMM-64, based on the small bright particles observed here. The athermal ω phase particles are more dispersed in the DF images of TMM-63 and TMM-64. Figure 6 shows the Vickers hardness of the TMM alloys, along with that of wrought Ti-64 ELI 4) indicated by the dashed line. The Hv shows negligible variation from TMM-53 (331 HV) to TMM-54 (337 HV), increases in TMM-63 (359 HV), and then decreases to its lowest value in TMM-64 (312 HV). The TMM alloys show superior or comparable Hv to that of wrought Ti-64 ELI (325 HV). Figure 7 shows the Young s moduli, E, of the TMM alloys, along with that of wrought Ti-64 ELI 4) indicated by the dashed line. The differences among the Young s moduli of the alloys are negligible: TMM-53 (88 GPa), TMM-54 (84 GPa), TMM-63 (86 GPa), and TMM-64 (85 GPa). The Young s moduli of the alloys are lower than that of wrought Ti-64 ELI (110 GPa). Figure 8 shows the tensile properties of the TMM alloys along with those of wrought Ti-64 ELI 4) . The ultimate tensile strength (UTS, σ B ) and 0.2% proof stress (σ 0.2 ) gradually increase from TMM-53 (σ B = 1036 MPa, σ 0.2 = 980 MPa, elongation = 2.0%) to TMM-54 (σ B = 1104 MPa, σ 0.2 = 1046 MPa, elongation = 1.9%), and further to TMM-63 (σ B = 1143, σ 0.2 = 1077 MPa, elongation = 3.9%); these then decrease in TMM-64 (σ B = 1093 MPa, σ 0.2 = 1033 MPa, elongation = 5.0%). The elongation increases with increasing Mo eq and is highest for TMM-64. The alloys show good tensile strength, higher than that of wrought Ti-64 ELI. However, their elongation is lower than that of wrought Ti-64 ELI. Furthermore, the difference between the σ B and σ 0.2 of every alloy is relatively constant (approximately 60 MPa). Figure 9 shows the SEM fractographs of the tensile-tested TMM. There is no signi cant difference in the fracture surface morphologies or features among the different alloys.
Results
Microstructure
Mechanical properties
Microstructure of tensile-tested specimen
Pores are clearly visible in all alloys, as well as areas covered in dimples, which are associated with a ductile type of fracture. Figure 10 shows EBSD inverse pole gure (IPF) maps of the tensile-tested TMM alloys, with the misorientation pro le along the arrow connecting points A-B (Fig. 10(b) ). For TMM-54 (Fig. 10(b) ), a small amount of band structures showing misorientation angles of approximately 50º are present. These band structures are thus identi ed as {332}<113> mechanical twins 26) . TMM-53 ( Fig. 10(a) ), TMM-63 (Fig. 10(c) ), and TMM-64 ( Fig. 10(d) ) show no band-like structures. Figure 11 shows the SAED patterns and DF images of the diffraction spots of the tensile-tested TMM-53 and TMM-54, along with the key diagrams. Figure 11(a) shows the SAED pattern of the interface between the matrix (with faint ω phase re ections) and a martensite structure, along with their key diagram. The band structure identi ed in the DF image of the marked α spot in the SAED pattern are thus identi ed as α martensite 27) . Figure 11 (b) shows the SAED pattern of the interface between the matrix and a band structure which contains both the α martensite and the twin, along with their key diagram. The ω phase re ections of the twin can be observed as faint spots, one of which is marked as ω 1 . The spot marked as ω m , which is the ω phase re ection from the matrix, overlaps with one α martensite. Therefore, the center DF image, from the ω m re ection at a lower magni cation level, includes α martensite particles. The α martensite appears as the brighter areas inside the band structure of this DF image. The bottom DF image, from the ω m re ection at higher magni cation levels, shows the distribution of ω particles around the matrix, which is mostly uniform. The right-most DF image, from the ω 1 variant re ection, shows the distribution of ω phases around the twin. This twin shows a misorientation angle of approximately 50º with the matrix around the <110> β direction (indicated by the key diagram), and is identi ed as a {332}<113> mechanical twin. Figure 12 shows the SAED patterns and DF images of the diffraction spots or streaks of the ω phase of the tensile-tested TMM-63 and TMM-64 (Fig. 12(a) and (b), respectively) . No band-like structures are observed for these alloys. However, groups of thin parallel lamellae, identi ed as ω phases, can be observed in both alloys. These deformation-induced ω lamellae, along with small amounts of ω nanoparticles in the matrix which were not as clearly observed before tensile deformation (Fig. 5) , indicate the presence of a deformation-induced ω phase in these alloys after tensile deformation.
Discussion
Microstructure
Most of the O present in the TMM alloys originates from the Ti, Mn, and Mo powders, which contain approximately 0.16, 0.77 and 0.38 mass% O, respectively. However, because the variation in Mn and Mo is small, the variation in the O contents among the TMM alloys is negligible.
The D gr of the TMM alloys fabricated by MIM is much smaller than that of the TMM alloys fabricated by CCLM 23) , and also smaller than that of Ti-Mn alloys fabricated by MIM 21) . A number of factors contribute to this smaller grain size observed in TMM alloys fabricated by MIM. The presence of pores in the alloys inhibit grain growth 28) , but this effect is similar among all the alloys because of the small variation in porosity. The reason for the drastic decrease in D gr compared to that of Ti-Mn alloys fabricated by MIM (which also contains pores) is the presence of Mo. Mo has a low diffusion coef cient in Ti 29) , which effectively limits the grain boundary diffusion and growth. In fabrication by MIM, diffusion processes are predominant 30) . Thus, the low diffusion coef cient of Mo can inhibit grain growth in the TMM alloys fabricated by MIM.
The V po of the TMM alloys fabricated by MIM show less variation than those observed for Ti-Mn alloys fabricated by MIM 21) . Furthermore, the D po of the TMM alloys is also smaller than that of the Ti-Mn alloys. This is because the Mo powder (< 2 µm) is smaller than the Ti and Mn powders (< 45 µm). Therefore, Mo powder particles can occupy spaces that would have been left vacant between Ti and Mn powder particles, improving the compactibility and relative density of the mixed powders upon injection molding. Thus, the smaller particle size of the Mo powder can make these pores smaller and more rounded 22, 31, 32) . Although the smaller Mo powder had an effect over the pore morphology, no signicant direct effect of the Mo element addition over the pore morphology is observed. Figure 13 shows the BF and SAED patterns of precipitates found in the TMM alloys fabricated by MIM. The SAED patterns indicate that the precipitates possess a typical fcc crystal structure, the same as the Ti-carbides identi ed in Ti-Mn alloys fabricated by MIM 21) . Therefore, the precipitates in the TMM alloys are identi ed as Ti-carbides, where formation is facilitated by the high levels of C. The morphology of the carbides does not particularly vary among the TMM alloys, and is also similar to that of the Ti-Mn alloys 21) , indicating negligible effect of the Mo addition in this regard. Figure 14 shows simulations, made using the software ThermoCalc, for the solubility of C in some of the TMM and Ti-Mn alloys. Because both TMM-64 and Ti-9Mn have a higher Mo eq and more stable β phase than TMM-53 and Ti-6Mn, respectively, it is apparent that the solubility of C is more dependent on the stability of the β phase than on which stabilizer element is included. Similar observations were reported for Ti-Nb alloys 41) . The OM and XRD analyses only show the presence of β-phase, whereas the presence of an athermal ω phase is conrmed by TEM observations. As the Mn content increases, the athermal ω-phase re ections decrease in intensity, becoming diffuse streaks in the more β-stable alloys (Fig. 5(a) , (b), (c), and (d)) 33, 34) , indicating that the amount of athermal ω phase decreases with increasing Mn content. Furthermore, the intensity of the ω phase re ections appear weaker in the SAED patterns of the TMM alloys fabricated by MIM than in the SAED patterns of the TMM alloys fabricated by CCLM 23) . This is because higher O contents will inhibit the formation of the ω phase 35) . Thus, weaker ω phase re ections in the SAED patterns of the TMM alloys fabricated by MIM containing approximately 0.24 mass% O is also attributed to the higher O contents.
Mechanical properties
Factors that in uence the Vickers hardness of the TMM alloys include the presence of the athermal ω phase 34) , pores, and carbides 31, 32) , as well as the solid solution hardening effects of Mn, Mo, O and C 32, 36, 37) . The decreasing volume fraction of the ω phase tends to decrease the Hv. Conversely, higher Mn and Mo contents increase the solid solution hardening effect, increasing the Hv. However, the effect of Mo is negligible compared to that of Mn or the amount of athermal ω phase 36) . Thus, as the amount of athermal ω phase does not signi cantly change between TMM-53 and TMM-54, the Hv is almost the same for those alloys. Then, because increasing Mn, increases the Hv in TMM-63 because of the solid solution hardening effect. The reason for the decrease in Hv in TMM-64 is unclear, but because of the higher Mo eq , this alloy is expected to contain a lower amount of the athermal ω phase, although this is not immediately clear in the DF images. Generally, pores can cause localized stress concentration, thus decreasing the hardness measurements 31, 32) . Carbides can cause precipitation strengthening, which tends to increase the Hv 31, 32) . O concentrations, V po , and V pr are relatively constant among the TMM alloys, thus, no signi cant contribution from these factors can be observed among the TMM alloys fabricated by MIM. Compared to the TMM alloys fabricated by CCLM, the effects of solid solution hardening from the O, the smaller amounts of ω phase, the presence of pores, and the precipitation hardening from the carbides balance each other so that the Hv of the alloys fabricated by MIM is comparable or lower than that of the alloys fabricated by CCLM.
The above-mentioned factors also affect the Young s modulus. The direct effects of Mn and Mo is negligible, because in the current concentrations they do not affect the electron-to-atom ratio of the alloys suf ciently in order to affect the Young s modulus 38) . More predominantly, as the volume fraction of the athermal ω phase decreases, it should cause the E to decrease. However, O can affect E by affecting the interatomic distance 39) , and also by inhibiting the formation of the ω phase 40) . Because of the inhibition of the formation of the ω phase (especially in TMM-53 and TMM-54, which would be expected to show a higher E), the TMM alloys fabricated by MIM have similar E (84-88 GPa), with TMM-54 showing the lowest E among them. Further, compared to the TMM alloys fabricated by CCLM 23) , the amount of athermal ω phase is lower for all alloys fabricated by MIM, leading to lower Young s moduli. The presence of pores causes E to decrease 41) . On the other hand, the presence of carbides, which have a higher Young s modulus, causes E to increase. However, the V pr is believed to be too small to have a signi cant effect over the E of the TMM alloys. Further, because V po , and V pr are relatively constant among the TMM alloys, it is believed that the in uence of pores and carbides is relatively constant over E among the TMM alloys fabricated by MIM.
The UTS of the TMM alloys fabricated by MIM shows the same trend as that observed for the hardness; thus, the predominant factors over the UTS are similar. The decreasing amount of athermal ω phase decreases the UTS, while the increasing Mn and Mo contents increase the solid solution strengthening effect and the UTS. Further, similar to the TiMn alloys fabricated by MIM, high O content and the presence of carbides can increase the UTS, while the presence of pores can decrease it. Overall, the low elongation of the TMM alloys is attributed to the high O content, and the presence of pores and carbides, which tend to decrease the ductility of the alloys 31, 40, 41) . The increase in elongation from 2.0% in TMM-53 to 5.0% in TMM-64 is attributed to the decrease in the amount of pores in the alloys, from 6.4% in TMM-53 to 4.8% in TMM-64.
Unlike the Ti-Mn alloys fabricated by MIM, every TMM alloy shows fracture surfaces predominantly covered by dimples (Fig. 9) , which are associated with ductile fracturing, and were also observed in the TMM alloys fabricated by CCLM. Further, while carbide particles were present in some of the fracture surfaces (not shown here), their presence was not consistent. As the V pr is considerably low, around or lower than 0.6%, it is dif cult to determine if the carbides have any meaningful contribution to the fracture of the alloys. The presence of deformation-induced α martensite in both TMM-53 and TMM-54 (Fig. 11) , as well as deformation-induced {332}<113> twins ( Fig. 10 and Fig. 11 ) in TMM-54, indicates that TMM alloys fabricated by MIM have ductile deformation mechanisms. Thus, generally, the low elongation of the TMM alloys fabricated by MIM is mainly attributed to the high O content, and the presence of pores and carbides.
The almost constant difference between the σ B and σ 0.2 indicates there is work hardening upon tensile deformation in each alloy. For the cases of TMM-53, TMM-54 and their respective CCLM-fabricated counterparts 23) , the difference is smaller because the amount of {332}<113> twins, which help to improve the work hardening, is signi cantly reduced 27, 42) . Higher O contents have been shown to inhibit twin formation 40) . However, the larger amount of α martensite, which also helps to improve work hardening 42) , partially compensates the reduction in work hardening caused by the smaller amount of twins. On the other hand, TMM-63 and TMM-64 show larger differences between the σ B and σ 0.2 than those of their CCLM-fabricated counterparts 23) . However, none of the MIM-fabricated or CCLM-fabricated TMM-63 or TMM-64 show twinning. In this case, the difference between the σ B and σ 0.2 is assumed to be caused by the relatively larger amount of deformation-induced ω phase which forms in the MIM-fabricated alloys. This is possible because, while high O contents can directly inhibit the formation of the deformation-induced ω phase, it can also inhibit the formation of the athermal ω phase, thereby indirectly leaving more possible nucleation sites for the deformation-induced ω phase 40) . Thus, the work hardening of TMM-53 is mostly in uenced by the formation of deformation-induced α martensite, while that of TMM-54 is also in uenced by some amount of mechanical twinning. The work hardening of TMM-63 and TMM-64 is mostly in uenced by the formation of deformation-induced ω phase.
Compared to the TMM alloys fabricated by CCLM 23) , the TMM alloys fabricated by MIM show both lower Vicker hardness and Young s moduli, but higher tensile strength (except for TMM-63). Considering that P/M products are expected to have lower strength compared to cast and wrought products 31, 43) , the obtained results are favorable for biomedical applications. However, the elongation of the present TMM alloys is critically low, even when the deformation features are predominantly ductile.
Among the present TMM alloys, TMM-63 shows the best combination of mechanical properties. Its hardness, Young s modulus, 0.2% proof stress, and UTS are comparable or superior than those of most other Ti-Mn and TMM alloys developed for biomedical applications, and are superior to those of wrought Ti-64 ELI. However, like every alloy fabricated by MIM in this study, its ductility needs to be drastically improved. This can potentially be achieved by reducing the porosity and amount of carbides present, by using powders of higher purity, or by including processes such as hot isostatic pressing (HIP). However, these methods would result in increased alloy costs.
Conclusions
TMM alloys were fabricated by MIM (a low-cost P/M fabrication method), and their microstructures, mechanical properties, and deformation behaviors were investigated. Regarding the fabrication of Mo-added Ti-Mn system alloys by MIM, (1) Mo addition promotes a signi cant reduction of the average grain diameters of the alloys, which are approximately half of the D gr of Ti-Mn alloys fabricated by MIM. (2) OM and XRD analyses reveals the presence of only the β-phase for all the alloys, while the presence of an athermal ω phase in the alloys is con rmed by TEM observations. The amount of athermal ω phase decreases with increasing Mo eq . (3) TMM-53 and TMM-54 show deformation-induced α martensite after tensile deformation, while TMM-54 shows mechanical twinning after tensile deformation. (4) Although the TMM alloys show predominantly ductile deformation mechanisms and fracture features, they also show low elongation. This is because the predominant factors over the elongation are the high O content, and the presence of pores and carbides, which are typically introduced by MIM fabrication of β-type Ti alloys. 3.9%) shows the best combination of mechanical properties among the TMM alloys fabricated by MIM, with the greatest tensile strength. Its large UTS is attributed to the precipitation hardening effects of deformation-induced ω phase particles, and it possesses a hardness (359 HV) comparable to that of TMM-63 fabricated by CCLM and a comparatively lower E (86 GPa). Therefore, it shows attractive properties for biomedical applications as a lowcost alloy, but its elongation requires further improvement.
